The physical properties of structural materials are determined by their microstructure. The microstructure can be investigated either by direct methods, especially transmission or scanning electron microscopy (TEM or SEM), or by the indirect methods, like X-ray line-profile analysis (XLPA), differential scanning calorimetry (DSC), residual electrical resistivity (RER) or the different methods of mechanical testing. All these methods, irrespective of whether direct or indirect, reflect different aspects of the different microstructure features. The more methods that are used, the more comprehensive will be the microstructure characterization. In the present work the method of XLPA is summarized and discussed in comparison with other methods listed here. It is attempted to reveal how XLPA can contribute to a more complete characterization of the microstructure of bulk nanomaterials, especially when combined with other methods.
from anisotropic crystallite shape [24, 25] or anisotropic strain [9, 10, [26] [27] [28] [29] [30] [31] [32] . (vi) When the lattice parameter is large and the specimen has either a local or general texture, unusual peak narrowing can be observed, especially in the first few Bragg reflections [33, 34] . Microstructure properties can be summarized at least into the following different categories: (1) internal stresses, (2) stacking faults, (3) twinning, (4) crystallite size or subgrains, (5) microstresses, (6) long-range internal stresses, (7) chemical heterogeneities, (8) anisotropic crystallite shape or (9) anisotropic strain. There is no one-to-one correlation between the different peak profile features and the different microstructure properties, as can be seen in Table 17 .1, where the line-profile features and the microstructure elements are listed.
Both the different line-profile features and the different microstructure properties are complex, and the two sides, e.g. the experimental features and the microstructure properties, can be combined in many different ways. This fact makes it practically impossible (at least at this time) to have a general description of XLPA that would be able to treat all the microstructure properties by a unified general theory or model. It is the experimentator's task to select those microstructure properties that are most relevant to be considered in a particular experiment. At the same time, just because of the complexity of both the experiment and the microstructure properties, it is probably not possible to produce a model-independent general theory for XLPA. For the same reason, though there have been many attempts to develop model-independent descriptions of line broadening, these have not been too successful. In the present work a brief summary of XLPA is presented that is based on well-defined specific microstructure models, in particular on the model that the microstructure consists fundamentally of (a) subgrains with a simple and well-defined size distribution and that (b) the main source of microstrains are dislocations or dislocation-type lattice defects, e.g. triple junctions or sinter stresses.
Basic Principles of X-ray Line-profile Analysis
Assuming that size (S) and lattice distortion (D) are the two sources of X-ray line broadening, the profile of a Bragg reflection can be given by the convolution of the size and the distortion profiles [1] :
where the superscript F indicates that I F is the physical profile that does not contain instrumental effects. The Fourier transform of this expression is the Warren-Averbach equation [35] :
where A(L) are the absolute values of the Fourier coefficients of I F , A L S are the size Fourier coefficients, g is the absolute value of the diffraction vector and he gYL 2 i is the mean square strain. L is the Fourier length defined as L na 3 , where a 3 k/2(sin h 2 -sin h 1 ), n are integers starting from zero, k is the wavelength of the X-rays and (h 2 -h 1 ) is the angular range of the measured diffraction profile. When strain is caused by dislocations or dislocation-type defects, he gYL 2 i can be expressed as [10] :
where g L/R e , R e is the effective outer cutoff radius and b is the Burgers vector of dislocations and C is the contrast or orientation factor of dislocations. Wilkens determined the f (g) function for parallel straight screw dislocations in the entire L range from zero to infinity, see, e.g. Eqs. (A.6) to (A.8) in [10] . It can be shown that the Wilkens function, f (g), has a more general validity, i.e. it is also valid for edge dislocations and for curved dislocations, and it can be extended in a simple way for infinitesimal dislocation dipoles when M goes to zero, cf. [36] , where M R e q p is the dislocation arrangement parameter [10, 11] . M is smaller or larger than unity if the dislocations have strong or weak dipole character, or in other words, when the effect of screening of the deformation fields is strong or weak, respectively [10, 14] .
Strain Anisotropy
Strain anisotropy means that neither the breadths nor the Fourier coefficients of the diffraction profiles are monotonous functions of the diffraction angle or g [27] [28] [29] [30] [31] [32] . Strain anisotropy proved to be a powerful feature in XLPA, especially for determining Burgers-vector populations or active slip systems [37] [38] [39] [40] [41] [42] [43] [44] [45] [46] [47] [48] [49] .
The orientation or hkl dependence of the contrast of dislocations is well known in TEM. It is expressed explicitly in Eq. (17.3) by the contrast factor C. If dislocations are the major source of strain in a crystal the values of C depend on the relative orientation of the Burgers, the line and the diffraction vectors, b, l and g, respectively. If either all possible slip systems in a crystal are more-orless equally populated or, if a polycrystal is more-or-less texture free, the contrast factors corresponding to one particular hkl can be averaged over the permutations of these hkl indices. It can been shown that, in a dislocated crystal, the average contrast factors, " C, are linear functions of the fourth-order invariants of hkl [32] . For cubic crystals " C is [32] :
where " C h00 is the average dislocation contrast factor of the h00 type reflections and
The values of " C h00 and the q parameter can be obtained numerically for different dislocation types as functions of the elastic properties of a crystal [37] . For hexagonal crystals " C is [32, 43] :
where a, b and c are constants depending on the elastic constants of the crystal and the type of dislocations (e.g. basal, prismatic, pyramidal and/or any subslipsystem, or slip-system family) and on c/a, the ratio of the two lattice constants in the hexagonal crystal. The value of a is the average contrast factor corresponding to the hk.0 reflection: " C hkX0 a. Equation (17.5) can be rationalized as [43, 50] :
where x (2/3)(l/ga) 2 , q 1 a 1 and q 2 -a 1 k -2 +a 2 . Equation (17.6) means that the average contrast factors corresponding to a specific slip system family (these are the 11 most likely slip systems in a hexagonal crystal according to Jones and Hutchinson [51] ) and materials constants (lattice parameters and elastic constants) have to follow a parabola as a function of x. The " C hkX0 a and the q 1 and q 2 parameters have been numerically evaluated and compiled for a large number of hexagonal crystals in [43] .
Breadth Methods
The two simplest measures of peak broadening are the full width at half-maximum (FWHM) and the integral breadths, the two are denoted here as: DK FWHM and DK b , where DK (cos h/k)D(2h), h is the Bragg angle and D(2h) is the FWHM or the integral breadth in radians, respectively. Since size is independent and strain is increasing with diffraction order, in order to separate size and strain effects, Williamson and Hall [52] suggested plotting the breadth of profiles versus sin h. The extrapolated intercept of such a plot at sin h 0 should give the inverse of an "apparent" size and the slope should be proportional to strain. A typical Williamson-Hall plot of a copper specimen deformed by equal channel angular pressing (ECAP) in a single pass is shown in Fig. 17.1(a) . The Fig. 17.1 The full width at half-maximum (FWHM) as a function of K 2sin h/k in the classical (a) K " C 2 in the modified Williamson-Hall plot (b) for Cu deformed by 1 ECAP pass, where 2h and k are the diffraction angle and the X-ray wavelength and is the average dislocation contrast factor, respectively. apparent scattering of the data is far beyond experimental error, the figure indicates a strong strain anisotropy. This effect makes a simple interpretation of the Williamson-Hall plot impossible. However, strain anisotropy in the classical Williamson-Hall plot can be rationalized by the contrast factors of dislocations in the modified Williamson-Hall plot [30, 37, 40, 41, 53] . Two versions of the modified Williamson-Hall plot are suggested in [30, 53, 54] :
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In The idea of whole-profile fitting goes back to Rietveld, who suggested producing the measured diffraction pattern by taking into account all possible effects that contribute to the intensity distribution, including all instrumental effects [56, 57] . The purpose of this method was to refine the structure parameters from powder-diffraction patterns. Well-defined analytical profile functions are used in the Rietveld method, such as the Voigt or pseudo-Voigt functions. However, profile shapes corresponding to dislocated crystals cannot be described by simple analytical functions [9-14, 17, 18, 37, 53] . Therefore procedures have been worked out, in which the diffraction pattern is simulated by using ab-initio physically established functions for both the size and the strain profiles [37, 42, 50, 53, 58] . In [53] and [58] the size profile, I S , is given by assuming either spherical or ellipsoidal crystallite shape and log-normal size distribution. In the case when spherical crystallite shape can be assumed, the function is defined by the two parameters of the size-distribution function: the median, m, and the variance, r. [50] , is operating on the Fourier coefficients of the measured and the theoretical profiles. This method is also available at the same web address. The effect of stacking faults and twinning has been elaborated and incorporated into the CMWP procedure by evaluating the faulting effect on powder patterns of cubic crystals, for details see [23, 60] .
Interpretation of Crystallite Size in Bulk Materials in Terms of Subgrains
Crystallite size determined by XLPA is often smaller than the grain or subgrain size obtained by TEM [45, 53, [60] [61] [62] [63] [64] , especially when the material has been processed by plastic deformation. It can be shown that besides differences in orientation between grains or subgrains, cf. [65] , subgrains separated by dipolar dislocation walls, but without differences in orientation, can also break down coherency of X-rays scattering [8] . Dipolar dislocation walls are one of the most common dislocation configurations in plastically deformed crystalline materials [66] . They do not cause tilt or twist between the two delineated regions [67] therefore, it is not trivial whether they break down coherent scattering. A schematic dipolar dislocation wall is shown in the striated region in Fig. 17 .3.
Interpretation of Crystallite Size in Bulk Materials in Terms of
In [8] it was shown that the lattice planes on the two sides of the dipolar dislocation wall will be shifted relative to each other as shown schematically in the figure. The shift, t, is varying randomly from subgrain to subgrain between t 0 and t b/2, where b is the Burgers vector of dislocations. The shifts of the lattice planes induce phase shifts in the scattered X-rays. Since there is no correlation between the shifts caused by the different subgrains, the phase shifts on the scattered rays will also be uncorrelated. As a result, the intensities and not the amplitudes of the scattered rays will add up, which means that there will be no coherency between the rays scattered by the different subgrains, and the line broadening will be determined by the average subgrain size. The subgrains separated by small-angle grain boundaries or dipolar dislocation walls are shown schematically in Figs. 17.4 (a) and (b), respectively. The two models, i.e. the small-angle grain-boundary model, cf. [65] , and the dipolar dislocation-wall model [8] of subgrain boundaries, provide together a physically well-established basis for the assumption that size and size-distributions determined by XLPA correspond to subgrains or dislocation cells. In those cases, however, when the subgrains and the metallographic or TEM grains are identical, as might happen in many cases, the TEM and X-ray size data can be identical. It has to be noted that, neither dipolar dislocation walls nor small-angle grain boundaries are such perfect arrays of dislocations as shown in Fig. 17 .4. The arrays will not be perfectly regular and the dislocations may be of different type and/or orientation and/or sign. There may be some dipoles within the small-angle grain boundaries or, the dipolar walls may contain surplus dislocations of one sign causing orientation differences between the neighboring subgrains. The main message of the calculation in [8] is that dislocation subboundaries or dislocation walls break down the coherent scattering of X-rays, thus the X-ray size is probably closest to the subgrain size in bulk materials.
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Characteristic Parameters of the Dislocation Structure from Line Profiles
The X-ray line-profile analysis gives the density and the arrangement parameter of dislocations, q and M, as well as the q parameter(s) in the contrast factors of dislocations [50, 53] . The magnitude of M describes the strength of the dipole character of dislocations: a higher M value corresponds to a weaker dipole character, i.e. a weaker screening of the displacement fields of dislocations [53] . For polycrystalline cubic crystals the anisotropic contrast effect of dislocations on the peak broadening is characterized by one q parameter, while for hexagonal structures two parameters, q 1 and q 2 are obtained from the evaluation of line profiles [37, 43, 68] . The values of q (q 1 , q 2 ) parameter(s) are determined by the elastic constants and the dislocation slip systems activated in the crystal. For cubic structures, the Burgers vector of the prevailing dislocations is the shortest lattice vector. For example, in fcc materials the Burgers vector is 1/2h110i, while in bcc structure it is 1/2h111i. For a particular slip system, the value of the q parameter depends on the angle between the dislocation line and Burgers vectors. The lower and upper limits of the q values correspond to edge and screw dislocations, respectively. Assuming that the Burgers vector is the shortest lattice vector, the theoretical q values for pure edge and screw dislocations in some frequently studied cubic materials are listed in Table 17 .2 [37] . The comparison of the experimental q value obtained from line-profile analysis with the theoretical values for pure edge and screw dislocations enables the determination of edge/screw character of prevailing dislocations. If the experimental q value is close to the arithmetic average of the theoretical values for pure edge and screw dislocations, the dislocation structure has mixed character. When the experimental q value is higher or lower than the theoretical average, the character of dislocations can be regarded as rather screw or rather edge, respectively.
In hexagonal materials the momentum of the shortest lattice vector equals the a lattice parameter in the basal plane, therefore the directions of easy slip are the three a-type directions. According to von Mises for plastic deformation of a polycrystalline material the activation of at least five independent slip systems is needed, therefore beside the three basal slip systems other dislocations should contribute to plastic flow. Moreover, the Burgers vectors of basal dislocations are perpendicular to the c-axis, therefore basal slips can not produce strain to the c direction. Consequently, another nonbasal slip systems with Burgers vectors having a component parallel to the c-axis should be activated to deform hexagonal polycrystals. The prismatic and pyramidal slip systems and twinning are most probably required for plastic deformation of hexagonal polycrystals. As a consequence, all the eleven slip systems in hexagonal materials should be taken into account in studying the dislocation structure. Each of the eleven slip systems has different theoretical values of the q 1 and q 2 parameters, therefore the evaluation of the experimental q 1 and q 2 values enables the determination of the prevailing dislocation slip systems in the specimen. The theoretical q 1 and q 2 values for the eleven possible slip systems in the most common hexagonal materials have been calculated according to the work of Kužel and Klimanek [29] and listed in the paper of Dragomir and Ungár [43] . [46] . First, the program selects some slip systems from one of the three groups. In the second step the calculated " C hk0 q 1 and " C hk0 q 1 values of the selected slip systems are averaged with equal weights, where " C hk0 is the average contrast factor corresponding to the hk0 type of reflections. This procedure is carried out for each of the three Burgers-vector groups. The relative fractions of the three groups, h i (i 1, 2, 3) are calculated by solving the following three equations: The detailed description of the procedure is given in Ref. [46] . In the next two sections, results obtained on the dislocation structures in bulk cubic and hexagonal nanomaterials by X-ray line-profile analysis are summarized.
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Dislocation Structure in Cubic Nanomaterials
Severe plastic-deformation (SPD) techniques are effective methods for producing bulk, porosity-and contamination-free ultrafine-grained (UFG) or nanostructured materials.
As the grain refinement during SPD-processed materials occurs by the arrangement of dislocations into dislocation walls that separate misoriented domains, the investigation of the dislocation structure is essential for understanding the evolution of fine-grained microstructure. Dislocations have been intensively studied in cubic metals [69] (Al [70] , Al-alloys [70] [71] [72] , Cu [73] [74] [75] [76] [77] [78] [79] [80] , Ni [81] [82] [83] ) processed at room temperature by SPD procedures, e.g. by equal-channel angular pressing (ECAP) or high-pressure torsion (HPT). These two techniques are described in detail elsewhere [84] . One pass of ECAP corresponds to an equivalent strain value of about 1. The imposed strain increases proportionally by the increase of the number of passes. It was found that the dislocation density increases with increasing strain for any studied cubic metals.
As an example, the dislocation density versus the imposed strain for Al-3%Mg specimen is plotted in Fig. 17 .5 [70] .
As the deformation proceeds, the dislocation arrangement parameter, M, decreases, indicating that dislocations are arranged into dipoles minimizing the energy of their strain field [71, 72, 74] . This arrangement of dislocations is associated with the formation of dislocation walls resulting in the decrease of crystallite size, as mentioned above. After room-temperature SPD processes, the q parameter is usually close to or less than the arithmetic mean of the theoretical values for pure edge and screw dislocations, which indicates a rather edge type character of the dislocation structure. This can be explained by the annihilation of screw dislocations resulted by their relatively easy cross-slip. It was shown that the parameters of the dislocation structure saturate after about 4 ECAP passes at room temperature for Al [70] , Al-Mg alloys [70] , commercial Al-Mg-Si alloy (Al 6082) [72] and Cu [74] specimens. This saturation was also observed after 3 revolutions of HPT for Al-Mg-Sc-Zr alloys [71] . The saturation values correspond to the dynamic equilibrium state between formation and annihilation of dislocations. The maximum dislocation densities at room temperature for different cubic materials are listed in Table 17 .3. The saturation value of the dislocation density is higher for a metal where the annihilation of dislocations is more difficult. For example, in Al-3%Mg alloy the Mg atoms hinder the dislocation motion, consequently the maximum dislocation density is approximately 13 times higher than for Al [70] . As grain refinement in SPD metals occurs by the arrangement of dislocations into cell boundaries, the higher dislocation density results in a decrease of crystallite size for higher Mg concentrations. The higher saturation dislocation density at room temperature for Cu compared to Al is explained by the lower self-diffusion rate as the dislocation annihilation is controlled by the diffusion of vacancies [76] . It should be noted, however, that several authors have found that after 12-16 ECAP passes at room temperature the dislocation density in Cu decreased as a result of dynamic recovery [75] .
The combination of SPD procedures was applied to achieve further grain refinement in pure Ni [82, 83] . HPT and cold rolling were carried out on specimens processed by ECAP previously. It was found that the additional deformation after ECAP resulted in a further grain refinement (46 nm) and an increase of the dislocation density up to 25´10 14 m -2 , which can be reached after 8 ECAP passes and additional 5 revolutions of HPT. However, the specimen produced by electrodeposition has even finer microstructure (24 nm) and much higher dislocation density (82´10 14 m -2 ) than the materials processed by any combination of SPD methods. The thermal stability of the ultrafine-grained microstructure is an important issue from the point of view of the practical application of nanomaterials. The recovery of the dislocation structure and the recrystallization in SPD processed ultrafine-grained fcc metals has been extensively studied [76, 85] . The crystallite size and the dislocation density as a function of the annealing temperature were measured for Ni deformed by HPT [85] and ECAP-processed Cu [76] . The differential scanning calorimetry (DSC) measurements of Cu samples show a broad exothermic peak that corresponds to the recovery of the microstructure. The maximum of the exothermic peak in the DSC trace shifted to lower temperature values and the heat released during the annealing increases with the increase of strain and saturate at about e 4. The increase of the stored energy can be at- Table 17 . 3 The measured saturation values of the areaweighted mean crystallite size (hxi area ), the dislocation density (q) for different fcc metals processed by SPD methods [69] . tributed to the rise of the dislocation density with increasing strain. The higher strain energy raises the driving force for nucleation of new dislocation-free grains, i.e. the recovery starts at lower temperatures [76] . The dislocation density and the area-weighted mean crystallite size as a function of the temperature at the DSC curve for a Cu specimen processed by 8 ECAP passes are shown in Fig. 17.6 [76] . At the temperature corresponding to the beginning of the DSC peak, each X-ray profile appears to be the sum of a narrow and a broad peak. This special shape of the diffraction lines has been also observed by Kužel [78] for a copper sample deformed by HPT under 6 GPa pressure and annealed at 250 8C for 100 min. In Fig. 4 in [76] the intensity distribution of the 200 Bragg reflection is shown in linear (a) and double-logarithmic (b) scales, respectively. This figure shows that the intensity distribution goes through a well-defined inflection point at around DK $ 0.006 nm -1 , indicating that the diffraction profile consists of two peaks. It was found that the broad peak can be well approximated by the profile measured before the heat-treatment, which suggests that the broad subprofile corresponds to the nonrecovered regions of the material. The profile for the non annealed specimen (the solid lines in Fig. 4 in [76] ) matches perfectly the tail part of the peak recorded after annealing (open circles in Fig. 4 in [76] ) after dividing the intensity by an appropriate factor. The difference between the two profiles (the solid line and the open circles) gives a sharp peak that is related to the recovered volume of the material. The other peaks of the specimen quenched from 500 K can be also decomposed into narrow and broad subprofiles. At the temperature corresponding to the maximum of the DSC peak, the mean crystallite size is about 8 times higher, while the dislocation density is 50 times lower than before annealing. After the DSC peak the crystallite size and the dislocation density reach their highest and lowest limiting values, 500 nm and 10 13 m -2 , respectively, which are detectable by X-ray peak profile analysis. Besides the UFG metals processed by SPD methods, X-ray line-profile analysis has been also applied for the characterization of the dislocations structure in nonmetallic bulk cubic nanomaterials. Nanostructured diamond specimens were prepared from micrometer-sized (30-40 lm) synthetic diamond powder by high-pressure-high-temperature (HPHT) compaction at a pressure of 2.0 GPa and at selected temperatures in the 1070-1760 K range [86] . The increase of the dislocation density during HPHT compression is associated with the decrease of the crystallite size down to about 50-100 nm. The grain refinement in HPHTtreated diamond results from the rearrangement of the dislocation structure into a lower-energy configuration. The density of dislocations was always greater in samples that were compressed and heated in water-free environments (did not graphitize) than in partially graphitized samples [86] . At the lowest temperatures used in the experiments the difference in the population of dislocations between the two sets of samples was very small, but quickly increased and reached a maximum at 1470 K and then decreased with further increase in temperature, as shown in Fig. 17.7 , cf. [86] [87] [88] .
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Sample
Dislocations in Hexagonal Nanomaterials
For obtaining fine-grained microstructure with high dislocation density SPD procedures were applied also to hexagonal metals, e.g. on commercially pure Ti [45, 63, 64, 74, [89] [90] [91] and AZ91 Mg alloy [92] . Generally, the SPD processes on hexagonal materials are carried out at elevated temperatures because of the rigidity of the specimens at room temperature. In a commercially pure Ti specimen processed by 8 ECAP passes at 400-450 8C, the dislocation density obtained from X-ray line-profile analysis is 44-10 14 m -2 . The relative fractions of the hai, hci and hc ai Burgers vectors are 62%, 0-4% and 32-36%, respectively. The abundance of hai-type dislocations besides the hci-and hc ai-type dislocations has been also found for other bulk hexagonal nanomaterials, e.g
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Fig. 17.7 Dislocation density in graphitized and nongraphitized samples of nanocrystalline diamond as a function of the sintering temperature [86] .
sintered WC [93, 94] and SPD processed Mg alloys [93] . This observation is in agreement with TEM results carried out on other coarse-grained specimens [95] . The relatively high fraction of hc ai dislocations in Ti processed by ECAP can be attributed to the high temperature of deformation. Theoretical calculations and TEM observations for hexagonal metallic materials suggest the activation of hc ai dislocations by strong deformation at elevated temperatures [45] . At room temperature the critical resolved shear stress of pyramidal hc ai dislocations is about five times larger than that for basal slip [96] , but this value decreases with increasing temperature. The thermal stability of the ultrafine-grained microstructure in Ti was investigated by DSC [74] . The volume-weighted mean crystallite size and the dislocation density as a function of temperature are shown in Fig. 17.8 . It can be seen that the recovery of the dislocation structure starts before the appearance of the exothermic DSC peak. At 800 K, where the DSC peak starts, the dislocation density has already decreased from 44´10 14 m -2 to 9´10 14 m -2 . However, the increase of the crystallite size accelerates only after 800 K. The dislocation density decreases further after 800 K and at 850 K it has a value of 8´10 13 m -2 . As the temperature increases the relative fraction of the hc ai-type dislocations decreases to between 0 and 4%, indicating that these dislocations disappear faster than the hai or hci-type ones (see Fig. 17.9 ). This can be explained by the fact that the hc ai-type dislocations have larger Burgers vectors and consequently higher formation energies than the other two types. The ECAP process of AZ91 magnesium alloy was also carried out at high temperature (270 8C) [92] . The main alloying elements in the AZ91 alloy are 9 wt.% Al, 1 wt.% Zn and 0.2 wt.% Mn. The dislocation density increases from 0.4´10 14 m -2 to 2´10 14 m -2 and the mean crystallite size decreases from 563 nm to 97 nm as a result of 8 ECAP passes. It was found that before ECAP the Fig. 17.8 The dislocation density, the volume-weighted mean crystallite size and the heat flow as a function of annealing temperature for Ti processed by ECAP [74] .
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relative fractions of the hai, hci and hc ai Burgers vectors are 68-86%, 0-15% and 0-14%, respectively. The abundance of hai-type dislocations can be explained similarly as for Ti. After high-temperature ECAP the relative fractions of the hai, hci and hc ai Burgers vectors are changed to 54-58%, 0-2% and 38-42%, respectively. The increase of the relative fraction of hc ai dislocations results from the strong deformation at high temperature. The specimen processed by 8 ECAP passes was further deformed by tension at different temperatures [92] . At relatively low temperature the dominance of hai-type dislocations can be established. At high temperature, i.e. at 300 o C, the relative fraction of the hai Burgers vector types decreases and the relative fraction of hc ai dislocations increases. This is in agreement with the general observation that hc ai dislocations are activated during strong plastic deformation at elevated temperatures.
Vacancies and X-ray Line-profile Analysis
It is well known that during conventional deformation beside dislocations vacancies are also formed, which during severe plastic deformation may be enforced. The mechanisms of plastic deformation and strain hardening in largestrain deformation, i.e. in stages IV and V are relevant for severe plastic-deformation modes, with the additional feature of an enhanced hydrostatic-pressure component [97, 98] . The specific evolution of lattice defect types and their densities, their interaction mechanisms and arrangements control the hardening behavior, but also seem to be responsible for the enhanced ductility that has been repeatedly observed as a special feature of SPD metals [97] [98] [99] . In particular, the deformation-induced vacancies appear to play a major role here.
Since electrical resistivity [100] and calorimetric measurements [101] provide the total concentration of vacancies together with dislocations, whereas XLPA gives only the dislocation density [10, 17] , the combination of these three different types of investigations enable determination of the vacancy and dislocation Fig. 17.9 Burgers-vector populations as a function of annealing temperature for Ti processed by ECAP [74] . densities separately. It is shown further that in-situ diffuse X-ray scattering measurements at a synchrotron radiation source can also provide information about the evolution of lattice defects, especially of vacancies, and about vacancy distribution in grain-interior and grain-boundary regions.
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The diffuse scattering from crystals containing defects with displacements was first calculated by Eckstein [102] and Huang [103] , and in more detail in [104] [105] [106] . For more details about diffuse scattering of point defects see [107] [108] [109] [110] [111] [112] [113] [114] [115] [116] .
Here, we show that a systematic analysis of the diffuse background scattering corresponding to deformed metals can be interpreted in terms of point defect production. In-situ XLPA measurements were carried out at the ELETTRA synchrotron in Trieste [20] . Single-and polycrystalline copper specimens of high purity have been deformed in compression by a compact test machine mounted on a 5-axis goniometer for the compensation of the shape and orientation changes during the deformation process. The (400) . The diffraction peaks were recorded in 30 to 60 s, in this time the true strain deformation e was less than 10 -3
. More details of such an in-situ synchrotron experiment can be found in [20] . From the diffraction peaks the dislocation densities were evaluated by the procedure described in Section 17.3 and in detail in [20] by fitting the Wilkens-type strain profile functions to the measured profiles according to the numerical procedure described in [50, 53] . Due to the low noise of the detector the increase of the background to peak ratio, R, is considered to be a physical effect due to the increase of the diffuse scattering caused by point defects, in particular by vacancies and/or vacancy clusters.
In the case of the undeformed specimens only a vanishing background intensity was observed, for the single as well as the polycrystal. With increasing deformation the diffuse background intensity increased considerably. For the quantification of the diffuse background scattering, the ratio of the integrated background, A BG , and the integrated peak intensity, A Peak , R A BG /A Peak , was defined according to Fig. 2 in [117] . The evolution of R as a function of strain can be seen in Figs. 4 (a) and (b), in [117] , on linear and logarithmic scales, respectively. It has been found that in the polycrystalline specimen the ratio, R PX , increases much faster at the initial strain values than the ratio, R SX , in the single-crystalline sample and that R PX remains much larger than R SX throughout the entire deformation range.
During plastic deformation vacancies and dislocations are produced concomitantly, cf. [118] [119] [120] [121] [122] [123] . Experimental data suggest that the vacancy concentration, C vac starts increasing with the dislocation density, q, only beyond a certain threshold and saturates at very large q values. The correlation between the average vacancy concentration, C vac , and the dislocation density measured in 10 14 m -2 units, q 14 , is determined on the basis of data obtained on specimens deformed by cold rolling, C CR vac , and by ECAP, C ECAP vac [80, 124, 125] :
Equations ( . This indicates a much faster vacancy accumulation in the polycrystalline specimen. The polycrystal is considered as a composite of grain boundary (GB) and grain interior or matrix (M) regions. It can be assumed that the vacancy production rates in the single crystal and in the matrix (of the polycrystal) are the same, thus the average vacancy concentration in the polycrystal can be given as the weighted sum of vacancy concentrations in the matrix and GB regions:
where f GB is the volume fraction of the grain boundary (GB) region, and C GB vac and C M vac are the local vacancy concentrations in the grain-boundary and the matrix regions. Assuming a volume fraction of the grain-boundary region of about 5%, the average vacancy concentration then can be given to the two regions pro rata. In Fig. 17 .11 the vacancy concentrations in the single-crystal specimen and the local vacancy concentrations in the matrix and in the grain-boundary region are shown. In the single-crystalline state the vacancy concentration increases by about 8 orders of magnitude during deformation up to e $ 40%. The evolution in the matrix (or grain interior) region is similar, while in the grain-boundary region the vacancy concentration grows much stronger to extremely high values between 10 -4 and 10 -3 corresponding to those at the melting point of copper.
We note that these vacancy concentrations are the excess vacancy concentrations produced and stored during plastic deformation. The extremely large vacancy concentration values, especially in the GB region are probably present in the form of free volumes, rather than single vacancies, as results from molecular dynamics simulation suggest (D. L. McDowell, private communication). From these more qualitative considerations it follows that the storage of vacancies or free volume produced during plastic deformation depends (i) on the structure and volume fraction of grain boundaries in the crystal (ii) on the deformation mode and conditions. The latter is indicated by the variation of factor and exponent in Eqs. (17.12 a) and (17.12 b) for two different cases. 
Stacking Faults and Twinning in Nanostructured Materials Determined by X-ray Line-profile Analysis
The formation of planar defects, especially twinning has been shown to be an important mechanism, alternative to dislocation glide, even in materials of high stacking-fault energy, like aluminum and copper, when the grain size is reduced below a certain critical value [54, 60, [126] [127] [128] [129] [130] [131] [132] [133] [134] [135] [136] [137] [138] [139] . In one of the models of deformation twinning the authors suggested that the critical stress to move a twinning partial increases slower with decreasing grain size than for lattice dislocations [127] . This model, however, turns out not to be supported by experimental data in the literature [128] . An alternative model was worked out, according to which an optimum grain-size range can be found in which the critical stress for the nucleation of deformation twins is lower than the stress necssary to move full dislocations [129] [130] [131] [132] [133] . Zhu and coworkers [134] have shown the existence of deformation twins in copper produced by high-pressure torsion (HPT). A model was developed in which leading and trailing partials form deformation twins where the trailing partials are less mobile than the leading one, thus creating large twins. Nongeometrically necessary dislocations at grain boundaries play an important role in the model that are substantiated by experiment and theory [135] [136] [137] . Both, experiment and the model suggest critical grain sizes, below which twinning occurs in Cu and Al at about 40 and 20 nm, respectively.
A systematic method to determine the density of intrinsic and extrinsic stacking faults, and twin boundaries together with the dislocation density and arrangement, and the average grain size and grain-size distribution, by X-ray lineprofile analysis, has been developed recently [23, 138] . The effect of stacking faults, and twin boundaries on X-ray diffraction patterns was calculated numerically by using the DIFFaX software of Treacy et al. [4] for the first 15 Bragg reflections in fcc crystals up to 20% fault densities [23] . It was found that the Bragg reflections consist of 5 types of subreflections, where the subreflection types are determined by specific conditions of the hkl indices, in good agreement with the theory developed in the early 1950s by Warren [1] . It was shown that the profiles of the subreflections are of Lorentzian-(or Cauchy-) type functions. Analyzing about 15 000 subreflections the breadths (FWHM) and the shifts relative to the exact Bragg angles were determined. The values of FWHM and shifts of the subreflections were given by 5th-order polynomials as a function of the densities of intrinsic and extrinsic stacking faults, and twin boundaries, b intr , b extr and a, respectively. The coefficients of the 5th-order polynomials and the fractions of the different subreflection types were compiled in three separate data files that are accessible at the website: http://metal.elte.hu/ $ levente/stacking. The data files were incorporated into the CMWP software [50, 53, 59] for evaluating planar faults together with dislocations and crystallite and/or subgrain-size distributions. The extended software, eCMWP, was applied to inert-gas condensed nanocrystalline [54, [139] [140] [141] , and submicrometer grainsize copper specimens deformed by the method of ECAP [142, 143] . The X-ray line-profile analysis results substantiated the TEM results of the group of Zhu [127, 129-131, 133, 134] , that in copper twinning becomes essential below a critical crystallite or subgrain size, of about 40 nm.
Conclusions
1. It has been shown that X-ray line-profile analysis can be used as a powerful tool to characterize the microstructure of bulk nanomaterials in terms of (i) grains or subgrains, (ii) dislocation densities, (iii) Burgers-vector population and slip activity, (iv) stacking faults and twin boundaries, and (v) excess vacancy concentrations. 2. Whenever this was possible, the data provided by the X-ray method, have been analyzed in comparison with TEM results. It has been shown that either there is a good correlation between the X-ray and TEM results, or, if there are differences, these can be used to learn more details about the microstructure, especially in terms of grains versus subgrains. 3. It is found that bulk nanomaterials produced by severe plastic deformation, usually contain extremely high dislocation densities up to the order of 10 16 m -2
, and these values have been confirmed by high-resolution TEM investigations. 4 . The discrepancy between dislocation densities determined by the X-ray method or TEM and other procedures like residual electrical resistivity (RER) or differential scanning calorimetry (DSC) has been shown to enable the determination of excess vacancy concentrations produced by plastic deformation. It has been shown that the methods of RER and DSC provide an apparent dislocation density, a part of which can, and has to, be expressed in terms of vacancy concentration. 5. It has been shown that the dislocation mechanism is replaced by faulting or twinning when the grain or subgrain size becomes smaller than certain critical values, of about 40 and 20 nm in the case of copper and aluminium, respectively, in good correlation with TEM observations. 6. It has been shown that the breadth methods provide a very useful qualitative guidance, before more sophisticated full-profile methods are applied.
